The mechanical testing technique for in situ nanoindentation in a transmission electron microscope is described and is shown to provide real-time observations of the mechanisms of plastic deformation that occur during nanoindentation. Here, the importance of this technique was demonstrated on an aluminum thin film deposited on a single-crystalline silicon substrate. Significant results include direct observation of dislocation nucleation, characterization of the dislocation distribution created by indentation, and the observation of indentation-induced grain boundary motion. The observations achieved by this technique provide unique insight into mechanical behavior studied with conventional instrumented nanoindentation techniques and also provide microstructural-level understanding of the mechanics of ultrasmall volumes.
I. INTRODUCTION
Conventional nanoindentation techniques have been developed over the past 20 years to probe the mechanical properties of materials at the submicrometer length scale. 1, 2 Such experiments have far-reaching importance to the microelectronics industry and to nanotechnology in general. A multitude of behaviors have been observed with conventional indentation techniques, (e.g., Nanoindenter XP, MTS Corp., Minneapolis, MN), but direct observation of the deformation is importantly lacking. As reported below, the direct observation of indentation behavior has now been achieved through in situ nanoindentation in a transmission electron microscope. This technique provides unique insight into the mechanisms associated with indentation-induced deformation.
For example, a phenomenon whose source is widely debated in the nanoindentation community is the appearance of a discrete jump in displacement during loading. This so-called pop-in effect is alternately ascribed to the nucleation of dislocations, [3] [4] [5] the aggressive activation and multiplication of preexisting dislocations, 6 or the fracture of native oxide or other surface films. 7 While all three mechanisms may be important in particular cases, nanoindentation results are sensitive to the nucleation or motion of individual dislocations; because the sharp indenters typically used in nanoindentation experiments can result in contact radii of the order 100 nm and displacements of the order several nanometers, the resolution of the measured displacements are of the order Burger's vector. Additionally, the indented volume is often dislocation-free because the dislocation density of well-annealed single crystals can be as low as 10 3 /cm 2 . 8 Therefore, nanoindentation experiments can lead to the nucleation of dislocations at the ultimate shear strength of the material. The commonly observed pop-in effect is demonstrated in Fig. 1,  9 which shows the small displacement regime load-displacement behavior corresponding to four ex situ, conventional nanoindentations into Al (111) single crystal. The pre-excursion behavior is well described by Hertzian elastic contact theory, 10 using a tip radius of R ‫ס‬ 48 nm. A range in critical loads for pop-in is observed, as indicated in the figure. The maximum critical load is 22 N and is associated with a mean pressure of 14.7 GPa. Invoking the stress field given by Hertz theory, the maximum resolved shear stress associated with the maximum critical load is 4.2 GPa, which is equivalent to a simplified estimate of the theoretical shear stress, 11 /2, where is the shear modulus. Other studies have shown that the stress at which initial displacement bursts occur are of the same order as the critical stress needed to nucleate dislocations in previously defect-free material.
Postmortem transmission electron microscopy (TEM) analyses support the conclusion that dislocation nucleation is often responsible for pop-in. Page and co-workers 13 used TEM to investigate the postindent microstructure around indentations where pop-ins had or had not occurred during the nanoindentation of sapphire. Postindent TEM samples showed dislocation structures around indentations associated with discrete displacement bursts in the loading behavior and no dislocations surrounding indents that exhibited superimposed loading and unloading (i.e., no pop-ins). Gerberich and co-workers 3 used atomic force microscopy to show that no observable surface deformation results from indentations of Fe-3 wt% Si single crystals when there is no pop-in and to show considerable surface deformation from indentations that displayed pop-in. However, these observations are indirect and are made on samples that have been unloaded, which affects the pattern of deformation, Only in situ observations that use the subnanometer resolution of the electron microscope can provide definitive evidence of the mechanisms involved.
II. EXPERIMENTAL
The in situ nanoindentation experiments described here were made possible by the development of a novel sample stage for a transmission electron microscope. 14, 15 The stage consists of a diamond indenter attached to a metal rod that is actuated by two mechanisms. For coarse positioning, the indenter can be moved in three dimensions by turning screws attached to a pivot at the end of the rod. For fine positioning, including the actual indentation, the indenter is moved in three dimensions with a piezoelectric ceramic crystal, which expands in response to an applied voltage.
In contrast to conventional indentation techniques, which provide high-resolution load and displacement measurements, the load applied to the sample during in situ indentation is not measured directly. This is because indentation of the tip into the sample is controlled by the voltage applied to the piezoceramic element, which leads to a load that is dependent on both the voltage applied to the piezoceramic crystal and the resulting displacement during indentation. The voltage is the imposed (independent) variable while the displacement can directly be measured from the real-time imaging of the indentation process.
To be electrically conductive in the transmission electron microscope, the diamond at the end of the rod must be doped with boron and attached with electrically conductive epoxy. A boron concentration of approximately 10 20 ppm was achieved by annealing the diamonds in close proximity to boron-hydride-coated wafers at 1000°C for 1 h. The boron concentration was estimated based on thermal diffusion studies of single-crystal diamond. 16, 17 These diamonds had a three-sided Berkovich geometry, as is used in conventional nanoindentation experiments, 2 with a radius of curvature of approximately 75-100 nm. The diamond is mounted on the end of an Al rod that is in turn connected directly to the piezoceramic actuator, which both controls its position in three dimensions and forces it into the edge of the sample.
The in situ nanoindentation experiments posed three significant constraints on the required geometry of the samples. The first constraint, common to all TEM investigations, is that the region of the sample to be imaged must be thin enough to be electron transparent. The critical thickness is typically about 300 nm, but this is dependent on the material and the accelerating voltage of the microscope. In this study, an accelerating voltage of approximaely 160 keV was used, and the film thicknesses were typically about 250 nm. The second constraint, which is unique to the in situ nanoindentation experiments, is that the electron-transparent part of the sample must be accessible to the diamond indenter in a direction normal to the electron beam. The third constraint is that the sample must be mechanically stable such that indentation, and not bending, results from the indenter pressing upon the thin region of the sample.
To fabricate samples that were electron transparent, accessible to the diamond indenter, and mechanically stable, it was necessary to design a unique sample geometry for the in situ nanoindentation experiments. The method used for this study was to fabricate lithographically prepared silicon substrates using proven bulk micromachining techniques. The silicon substrates were formed in the shape of a wedge, peaked with a plateau of approximately 150 nm. Theoretically, the microfabricated structures could then serve as a substrate for any material that can be deposited onto single-crystal silicon in a thin film form. In the case of the polycrystalline Al films studied here, the films were deposited on the silicon wedge substrates by evaporating 99.99% pure Al at 300°C. The indentation is made into the cap of film on the flat top of the wedge, which can be seen in Fig. 2 . Although the Al films used for the in situ experiments do have approximately 8-nm oxide layer, the fracture of the oxide layer has not been discernible during our experiments thus far, and it is unknown how the oxide fracture contributes to the quantitative data.
III. RESULTS AND DISCUSSION

A. Dislocation nucleation
Through in situ nanoindentation in a transmission electron microscope, it is possible to study the mechanisms associated with incipient plasticity. In particular, it is possible to observe the nucleation of dislocations in initially dislocation-free volumes of Al. Previous results 18, 19 showed that the "pop-in" response was associated with the nucleation of dislocations, causing the onset of plastic deformation. It was shown that the applied voltage to the piezoceramic crystal (which acts as the loading mechanism) increases continuously during elastic loading, but effectively remains constant during the nucleation of dislocations that accommodate the plastic deformation.
Of course, it is also of interest to study the sites associated with dislocation nucleation and the behavior of the defects as the deformation progresses. The most significant advantage from performing in situ nanoindentation inside a transmission electron microscope is the ability to record the deformation mechanisms in real time, avoiding the possibility of artifacts from postindentation sample preparation. However, because the Peierls barrier in Al is extremely low and consequently the dislocation velocity is very fast, our video sampling rate of 30 frames per second is too slow to capture the movement of the individual dislocations. Hence, each video image captured during the in situ experiments presented here is essentially a quasi-static image of the equilibrium configuration of defects. Figure 3 shows a series of four images taken from a video during an in situ nanoindentation experiment. In Fig. 3(a) , the diamond is approaching an Al grain that is approximately 360 nm in diameter. Figure 3(b) shows the induced stress contours during the initial stage of indentation, which correspond to purely elastic deformation in the absence of any pre-existing dislocations that could cause plasticity. Figure 3(c) shows the next frame of the video [1/30 of a second later than Fig. 3(b) ], in which the first indication of plastic deformation occurs and dislocations can be seen to extend already throughout the thickness of the grain. Figure 3(d) shows the large increase in dislocation density achieved as deformation proceeds, and dislocations tangle and multiply.
B. Plastic zone size
The indentation shown in Fig. 3 extended to a depth of 20 nm, or approximately 7% of the total thickness of the grain. Despite the relatively shallow indentation depth, the defects generated during the indentation extended throughout the volume of the grain and were not confined to any specific plastic zone within the grain. Figure  4 shows a series of bright-field (BF) and dark-field (DF) TEM micrographs taken both before and after the indentation shown in Fig. 3. Figures 4(a) and 4(b) are BF and DF images, respectively, taken prior to indentation in a g ‫ס‬ 111 diffraction condition. Figures 4(c) and 4(d) are BF and DF images, respectively, taken in the same g ‫ס‬ 111 condition after the indentation. Dislocations can be seen to extend throughout the grain. After tilting the sample approximately 20°to a new zone axis, BF and DF images were taken in a different diffracting condition (g ‫ס‬ 200) and are shown in Figs. 4(e) and 4(f), respectively. In this final diffracting condition, the full extent of damage to the grain can be seen, and the debris left by the dislocations as they propagated through the entire grain during the indentation is apparent.
When the contact area of the indenter is small compared to the grain size, the grain boundaries in the Al films were seen to act as barriers for dislocation motion. There are no discernable dislocations prior to indentation. After an indentation approximately 50 nm in depth, the postindentation microstructure consists of a high density of dislocations distributed throughout the grain and piled up at the interfaces. The dislocations can be seen to extend to the film-substrate interface as well as the boundaries with the grains to each side. In this case, the indentation contact area (which can be seen in Fig. 5(b) as the area on the surface with removed material) was relatively small in comparison to the lateral size of the grain; the width of the contact area is roughly 40% of the lateral width of the grain.
The distribution of dislocations in the indented volume was observed to be homogenous within a single grain when the indenter was positioned entirely within that grain. This is in contrast to the hemispherical plastic zone often invoked in continuum analyses. Because many theories of indentation data rely on such an assumption, it is important to recognize that, at least in the early stages of indentation where the indentation depths are limited to tens of nanometers, the plastic zone is diffuse.
In strain gradient plasticity theories such as, for example, the mechanism-based strain gradient theory of Nix and Gao, 20 the experimental observation of an indentation size effect (defined as a decreasing indentation hardness with increasing depth) is ascribed to a decreasing dislocation density. In the Nix-Gao strain gradient plasticity model, the plastic zone is assumed to scale with the cube of the contact radius. This relation is derived from the spherically symmetric approximation of the applied stress field during indentation. Although experimental observations made with TEM of plastic zones around indentations suggest that this is reasonable, the indentations typically studied are relatively large, 21 and it is unclear how the plastic volume is constrained at very small indentation depths. In particular, dislocations nucleated within a defect-free volume are rarely contained within a predefined plastic zone. Interactions with other nucleated dislocations, the Peierls barrier, and the existing microstructure will control the forces on dislocations to a greater extent than the applied load from the indenter.
In situ experiments shed some light on these issues. By comparing the indentations shown in Figs. 4 and 5 , it becomes clear that defining the plastic zone of an indentation at shallow depths is not straightforward. In Fig. 4 , the indentation was taken to a depth approximately 7% of the total thickness, and the plastic zone can well be described as the entire grain volume. In Fig. 5 , the indentation was taken to a depth approximately 20% of the film thickness, and the plastic zone is also well described as the entire grain volume. From these experiments, it is clear that in a metal with a relatively low Peierls barrier such as Al, the plastic zone at small indentation depths is not well-described by a continuum model. In reality, the plastic zone size is dictated by the microstructure of the indented material rather than the geometry of the indenter. As is observed in Figs. 4 and 5 , where the indentation displacements were confined to less than 20% of the film thickness, the plastic zone size is simply given by the grain size. Figure 3(a) shows the indenter approaching the grain prior to indentation in a near 〈111〉 direction. Figure 3(b) shows the indenter in contact with the Al grain during elastic deformation, when only elastic strain contours are visible. Figure 3(c) shows the initiation of plastic deformation, and Fig. 3(d) shows the indentation at a greater depth when extensive dislocation activity can be seen throughout the grain.
C. Grain boundary movement
In polycrystalline metals with relatively large grain sizes (e.g., >1 m), grain boundaries are thought to behave primarily as barriers to dislocation motion. Consequently, a typical method for increasing the hardness of a metal is to change the composition or processing of the material to decrease the average grain size, thus increasing the total area of grain boundaries and increasing the barriers to dislocation motion. This basic premise of microstructure-property relations in metallurgy is known as Hall-Petch behavior, as the first studies to relate grain size with the strength of a material were performed by Hall 22 and Petch 23 in the early 1950s.
There are other known mechanisms by which grain boundaries can influence the mechanical behavior of a polycrystalline metal. Li 24 described an alternate role for grain boundaries in 1963, when he first proposed that grain boundaries be thought of as sources for dislocations rather than only barriers to their motion. Indeed, recent reports using computational studies of nanoindentation have shown that relatively easier dislocation nucleation at grain boundaries can serve to lower the load at which plasticity is initiated. 25 As grain size decreases, the volume of the material associated with grain boundaries increases dramatically. For instance, the amount of material associated with a grain boundary changes from 0.01% for 3-m grains to 0.1% for 300-nm grains and to 1% for 30-nm grains. 26 For a given indenter size, the interaction of an indenter with the grain boundaries of the indented material increases as the grain size decreases. Thus, it should not be surprising that the deformation behavior associated with increased grain boundary interaction might involve mechanistic changes. These mechanistic changes might include grain boundary sliding, 27,28 dislocation nucleation from the grain boundary, 25 or even grain boundary movement. This final mechanism, grain boundary movement, has been observed in more macroscopic experiments, but is not typically mentioned as relevant behavior for small-scale deformation. Winning et al. 29 described the motion of Al tilt boundaries under imposed external stresses and suggested the movement of the grain boundaries was achieved through the movement of dislocations that comprise the structure of the boundaries. Merkle and Thompson 30 ascribed the motion of grain boundaries in Au to a more localized phenomenon: the rearrangement of groups of atoms near a grain boundary to be incorporated into a growing grain. Whether the grain boundary motion is accomplished through dislocation motion or atomic rearrangement, there exists a driving force for a grain to grow or shrink under an inhomogeneous external stress. The stresses imposed by a nanoindenter are inhomogeneous 10 and can be expected to provide a significant driving force for the movement of grain boundaries. The same Al grain in the same diffraction condition after indentation (three images are pasted together here to span the entire grain at high magnification). The indentation crater can be seen at the top of the image, as can the numerous dislocations introduced to accommodate the induced deformation. Quite noticeably, the dislocations pile-up at the film-substrate interface.
In both Figs. 4 and 5, the observed postindentation microstructure is characteristic of typical large-grained Hall-Petch-type behavior, where the grain boundaries are stationary and act as barriers to the motion of dislocations. Figure 6 shows a different situation, where the size of the indentation contact area is very large compared to the size of the grain, and in fact the indenter impinges directly onto the grain boundary during indentation. Figure 6(a) is a TEM image of two Al grains taken before indentation. Figure 6(b) is a TEM image of the same two grains after indentation, where the deformation of the grain boundary that had been within the contact region of the indenter is extensive. Figure 6(c) is the same two images, 6(a) and 6(b) overlaid on each other, showing that the grain boundary had extensively moved during the indentation. Undoubtedly, the change in equilibrium position of the grain boundary with respect to the two grains shows that the grain boundary must have participated in the deformation of the film in a substantial way.
IV. SUMMARY
We presented results from the mechanical testing technique of in situ nanoindentation in a transmission electron microscope, which has been shown to provide a unique capability for investigating the nanomechanical behavior of small solid volumes. This technique was applied to study the evolution of the plastic zone during indentations into Al films and the effect of the microstructure on the deformation behavior. The results obtained have important implications to continuum analyses of indentation-induced deformation, as typically used to describe conventional experiments. It was shown that the plastic zone at shallow indentation depths into initially dislocation-free Al films was better defined by the microstructure of the film than by a volume that scaled with indentation depth. Additionally, it was shown that significant grain boundary movement was possible during the nanoindentation of pure Al grains. These results suggest that microstructure of the indented volume must be understood and taken into account during the analysis of nanoindentation experiments.
